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Microstructural nature of strengthening and
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It is demonstrated that neither of the theories based on flaw size, surface flaw healing or
residual stress adequately and consistently explain the strengthening and toughening
phenomena in Alumina-SiC nanocomposites. SiC presence reduces the amount of
amorphous (glassy) silica rich phase (SRP) in the nanocomposite relative to that found in
monolithic Alumina and to a level that the effect of SRP is negligible. The reduction of SRP
and the multipliable effect of microstructural features such as dislocations, crack/particle
interactions and cleavage steps, observed in these materials at an extraordinarily small
scale (due to the nano-size of the SiC particles), are suggested to be more consistent in
explaining these phenomena. Owing to the nano-scale at which these features operate,
which is far below the practical resolution limit of the Scanning Acoustic Microscope
(SAM), it is also argued that the latter may not be a good method for studying these
materials. © 1999 Kluwer Academic Publishers

1. Introduction nanocomposite [1] may be due to changes in the elastic
It was reported [1] that the same level of strength isproperties (on whiclKcHertzydepends [1, 2]) resulting
achieved after annealing ground, and ground-polisheffom the formation of a reactive layer, claimed [1] to
(hereafterreferred to as “polished”) samples gi®@d-5  be amorphous mullite on the surfaces of the nanocom-
vol % SiGp) nanocomposite, Table I. The work con- posite samples.
cluded that the healing of available surface defects However, the Hertzian indentation test, ideally, is
(flaws) is responsible for the increase in strength foundstopped at the instance a crack is initiated (indicated
in the nanocomposite. Small cracks (flaws) are mordy an acoustic emission) from an existing flaw. Hence
healable than the relatively large ones. If healing of surthe toughness values derived from this method do not
face flaws were responsible, considering that relative tdake into account the possible effect of interaction of
the ground samples more healable flaws are found imicrostructural features with a crack propagating to the
the polished ones, Fig. 1 [2, 3], the latter should havepoint the entire material fails. Using methods based on
shown higher strength after annealing. The fact thatthefpulk sample tests, several authors [5-11] have demon-
do not suggest that under these conditions other mechatrated that 5% SiC-Alumina nanocomposite’s bulk
nisms, apart from sizes and the healing of surface flawgpughnessKjc values are higher than that of mono-
control strengthening in these materials. lithic Alumina. The toughening aspect of this work
On the basis of Hertzian indentation results itconcentrates oKjc.
was also suggested [1] that the intrinsic toughness, Using Vickers indentation method the higher values
KicHertzy Of monolithic Alumina and 5 vol% SiC- of Kicin5vol % SiC-Alumina nanocomposite (relative
Alumina nanocomposite of a similar grain size to beto Alumina) was suggested [12] to be due to compres-
very similar. The work further suggested that the highersive residual stresses from machining processes. Using
K1icerz) Value observed for the composite in an ear-the same indentation method the grapkKef vs. crack
lier work [2] is rather due to residual stresses (accruindengths for Alumina, 5 and 10 vol % SiC nanocompos-
from the machining process) in its surface. Using in-ites, Fig. 2 (an approach used by Ikumaand Virkar [13]),
terferograms Chowet al. [4] demonstrated that both the residual stress hypothesis [12] is not supported. In
the nanocomposite and Alumina showed similar quanthis figure, the gradient (b) represents the magnitude of
titative response to machining. Thus there is no differsurface residual stress, and it can be seen that though
ence in the magnitude of residual stress in both materithe residual stress is least in the 10 vol % SiC nanocom-
als when machined. Therefore the observed [2] higheposite, it shows the highebt; ¢ value.
K1c(Hertz) O the nanocomposite cannot be attributed to  Thus explanations of the strengthening and toughen-
a non-existent residual stress difference. The similarityng of nanocomposites, relative to Alumina, based on
between thé&1c(Hernz) Of the annealed Alumina and the residual stresses, healable flaws and properties of their
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TABLE | Strengths achieved for 5 vol% SiC nanocomposite with ambiguities so far metin explaining the phenomena in
different surface conditions and treatment (ref. [1]) this system, it was felt that a thorough attention is given

Surface condition Treatment strength (MPa) 1O the role of microstructural features in the strength-
ening and toughening of ADs/SiC,) nanocomposites
Ground Unannealed 395120 (relative to Alumina). This is the focus of the present
Ground and polished Unannealed 5460 work, and it is mostly at nano-scale to correspond with
g:gﬂ;g 22222:23 iohh ggggg the scale of the particles. The reduction in strenth at ad-
Ground and polished Annealed, 10 h 6155 ditions more than 5 vol % SiC in the composites is also

explained on this basis. The initial surface chemistry
of SiC (and the content of silica rich phases—SRP—in
Alumina) is also briefly considered since it has been

400 shown [5] that this could contribute to the strength of
011/4 pm polished interfaces.
""E 300 - B M 14 ym ground
=
;: 2. Materials and experimental methods
2 2004 The monolithic Alumina, and 5, 10, and 15 vol %
a SiC ‘nanocomposites’ were pressureless sintered to
}: >99.6 % theoretical density at 1776. The average
:-- 100 4 particle sizes of the Alumina and SiC powders were re-
Q spectively 400 and 200 nm. The size distribution of SiC
o particles ranges from about 100 to 900 nm, wittkg
0 —_— value of about 200 nm. Prior to sintering, the powders
1 2 3 4 § & 7 8 9 were blended by attrition milling in water, freeze-dried
Crack (flaw) size, um and isostatically cold-pressed. In Table Il are the char-

acteristics of the Alumina and-SiC (Lonza 45), as
Figure 1 Density of flaws vs. flaw sizes for ground and polished samplesdetermined by the suppliers. Full details of the fabri-

of 5% SiC composite. Note that flaws of smaller sizes and higher densitycation process have been reported elsewhere [14]; in
predominate in polished samples. brief. the equation

P . .
® 10% Nano.(b = 0.39; r = 0.96) S|02 +C— S0+ CO (l)

2 5% Nano. (b= 0.58; r = 0.96)
. Alumina (b = 0.42; r = 0.96) is more thermodynamically favourable than the re-
action of SiC with SiQ [14] during sintering. This
6 equation suggests that 1wt% Si@equires about
gE 0.2wt% C to be completely reduced to gaseous con-
a stituents that escape from the sintered samples. If it is
2 assumed that the entire Si metal contained in the SiC
X 4 T powder (Table 1l) is in the form of amorphous SRP
film on SiC particles, there will be about 0.47 wt %
of SiO, associated with the Silicon present. Following
from Equation 1 this amount will require about 0.1 wt %
Ctobe completely reduced. Thisis well taken care of by
2 y y the 0.58 wt % free carbon contained in the SiC powder.
2 4 s 8 Hence it could be said that the amorphous film of SRP
on the particles is completely reduced. However, the
Figure 2 Vickers indentation fracture toughnes§;c vs. crack length Alumina powder also contains amorphous silica rich
(CY2). Note that the gradient), (indicative of the magnitude of the pPhases. From the background hump of the XRD (be-
residual stress in the samples) is least for 10% SiC composite that shovtyveen a 2 value of about 7and 15) that is shown in
the highesK ¢ value. Fig. 3, it can be seen the free carbon in the SiC powder
also reduces this significantly. This reduction, coupled
with the very low content of Si@in the Alumina jus-
degraded surfaces are ambiguous and inconsistent witliies considering that the amount of SRP in the com-
experimental observations. posites is insignificant to have any major impact on the
Modern technologies demand a first-time-right ap-flexural strength of the composites.
proach, because it saves time and resources. This can be~our-point bend test samples of 2.5 x 2mm
achieved by mathematical modelling. In any case suckvere made by grinding and polishing sections cut out
a model has to be practically relevant, which thereforefrom discs of 40 mm diameter by 6 mm thickness. The
in the first instance, requires an unambiguous undertensile faces were polished to 1/4n finish, while the
standing of the fundamental basis of the phenomenather two sides were polished tquin finish. A very
involved. No mathematical modelling is undertakenimportant aspect of the preparation of these samples is
in this work. However, to minimise or eliminate the the chamfering of the tensile edges. This was carried
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TABLE |l Characteristics of raw materials

Characteristics (suppliers) (wt %)

Mean particle Density
Materials AbO3 SiO, Fe,O3 Na,O MgO CaO sizegm) (9 crrr3) FreeC FeO4 Si Metal (@)}

a-Al203 99.9 0.04 0.01 0.03 0.04 0.02 0.4 3.96 — — — —
a-SiC 0.03 — — — — — 0.2 3.2 0.58 0.05 0.22 35
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Figure 3 XRD of sintered monolithic AlO3 (dashed line) and composites (full line) indicating—by the reduction of the hump betweewnadu2
of about 7 and 15—the reduction of silica rich phases in the bulk of composites.

out after each polishing stage from A down to  TABLE Il Vickers indentationK ;c (MPam"/?) of materials, func-
3um-finish (at which the chamfering was stopped).tion of loads
This method was adopted after observing that cham-
fering carried out after the faces have been polishedoad
ready for the test introduces scratches on the alreadyg) 0, Al,03 5 10 15
polished faces. Five samples of each mate_rial were t_>ro-5 31203 43504 45503 48 0.2
ken at room tem_perature. An Instron testing machm_ 391 0.2 46201 59102 5EL 04
(model 1122), with a crosshead speed of 0.5 mm/ming 374 0.2 53+ 0.2 554 0.3 5.7+ 0.4
was used. The four-point bend jig had an inner span of
10 mm and an outer span of 20 mm. Fracture surfaces
were studied using a Philips 501 SEM. extract (for 5, 10 and 20 kg loads) of the values deter-
Every method used for the determination Kic  minedinreference [2] are used here, Table Ill. The table
presents its inaccuracies. For instance, in the SENEhdicates that real differences exist betweesp@yland
method a slight variation of the notch width introducesthe composites (as also have been observed by other
variations in the determinad; c values [15]. However, authors [5, 6] on bulk samples) and between the com-
the indentation method is quite popular due to itsposites. Although as with the Hertzian, Vickers inden-
relative ease of application. Hence this method is usedation is also carried out on the surface, the difference is
of which the required conditions are that the crackthat cracks propagate in the latter. Hence Table Il also
length C) must be ten times the average grain sizeindicatesR-curve response in all the materials, which
of the sample and that the test surface is devoid ofs fairly higher in the composites (5 and 10 vol % SiC
pre-existing stresses. To satisfy the latter samples wergrades)—a consequence of the effect of particles on
finish-polished to 1/4m (present work) and @m di-  crack propagation, which will be shown later.
amond [2]. TheK ¢ of 1/4um finish-polished samples  For the study of crack paths, and particularly their in-
was found to be the same as that qir8, hence an teraction to the scale of the sizes of the (nano) particles,

Materials, vol % SiC

5559



TEM s the only option. Atechnique similar to that used Fig. 3, should contribute, albeit very small (given the
by Hockey [16], which does not seem to affect existinginitial content of about 0.1 wt % of SRP in the Alumina),
sub-structures was employed in the present work. Folto an increase in strength. The bulk reduction of SRP
lowing this technique, Vickers indentations were madeis more important in this regard, because it has been
with 200-gram load on 20@m-thick 3 mm-diameter shown, for instance in §iN4-SiC composite (with 8%
discs of Alumina and the composites. None of the samY ,0j3 sintering additive) [6], that the absence of SRP at
ples showed any residual stress cracking that sometimegmrticle-matrix interface alone does not lead to an in-
occurs in ceramics after the load on the indenter is reerease in strength. The reduction of the bulk SRP makes
laxed. The lengths of these cracks were not importanit possible to obtain grains without abnormal growth.
for the TEM study, so no attempt was made to evaluate
them, or any environmental effect on them between the
indentation and milling processes.

T_he sample§ were then polished f“?m the reverse ig. 4 shows SE micrographs, at a relatively low magni-
the indented side down to aboutpt thickness discs. fication, of the fracture surfaces of monolithic Alumina

They were dimpled to ab_out_:iﬂnthickness_from the 6461)’ 5% (4b) and 15% (4c) SiC composites. While
reverse sides before being ion-milled (using a Gataghg tracture of monolithic Alumina is predominantly

Duomill) to produce a hole. The ion milling was first g:ergra”“'ar' that of the composites is mainly trans-

.2. Fracture modes

started with one gun (on the same reverse side) untl .2 Other authors [5, 6 and 12] have also ob-
a hole appeared. Both guns were then used (at @ MUy eq this change in fracture mode. It is believed to
lower angle) to remove the debris that had deposited 0 45 5 result of the high #D4/SiC interfacial energy

the other side of the disc when only one gun was in us&, the composites, and it has been assumed that the
Spemmens were exa”."”ed using a Philips .CM 20changeinfracture mode is connected with the increased
TEM. Imaging of dislocation structures was carried out

" i _~'strength and toughness of the composites [5]. The ef-
under a two-beam condition for a rational comparisorye .t of high ALO4/SIC interfacial energy is manifest at
ofthem. Macro cracks inthe TEM were imaged without g iy houndaries and inside the grains. At the former
tilting the samples. the cracks are forced to deflect into the grains. At the
interfaces in the grains, the cracks undergo several pro-
cesses (as will be shown in subsequent sections) that
cumulatively lead to further cleavage facets.

Zhaoet al. [12] argued that grain boundary modi-
éication from straight (AdO3) to ‘wavy’ (composites)
morphology prevents intergranular fracture. This geo-

ites is higher than that of pure Alumina, decreasing withme”.IC modification of bqundanes was also observed
increasing volume fraction of SiC above 5%. The frac-L- In the samples used in the present study. However,

ture toughness of all the composites is higher than tharp.(t)r?e of_fral;:ture ddoes not setem Ef_’hha\.’e gny relatlgtnﬁhlp
of pure Alumina, and slightly increases with increasingWI grain boundary geometry. 11is 1S because It has

volume fraction of SiC above 5%. Mechanisms forthebeen demonstrated in Alumina [17], and its compos-

changes in strength and toughness are discussed beldi With LaAl1104s [18] that the same grain boundary
geometry gives different modes of fracture, only as a

function of grain size. Thus in comparison with small
3.1. Reduction of SRP grain-sized ranges (gbm) large ones exhibit predom-
Generally in pressureless sintering, relatively highednantly transgranular fracture. Therefore the predomi-
amounts of silica rich phases (SRP) permit the use ofance of transgranular failure in the composites of the
lower sintering temperatures to achieve a good denPresentwork, even atsmall grain sizes, should be due to
sification, which otherwise is only possible at higher Al20s/SiC interface strength rather than grain bound-
temperatures (as in the case of the composites hered'y geometry.
On the other hand, higher amounts of SRP lead to re- Fig. 5 shows fracture surfaces of 5% and 15% SiC
duced strength. Thus the bulk reduction of SRP in the&¢omposites at higher magnification. Both fracture sur-
composites (by the introduction of SiC particles) rel-faces show steps on the transgranular cleavage facets

ative to monolithic Alumina of a similar grain size, (these are also visible in Figs 4b and 4c). The separa-
tion distance of the cleavage steps (some of which are

labelledHs) is 3.3+ 1.1 um in the 5% SiC composite
TABLE IV Strength,K;c values (10kg load), density, grain sizes (Fig. 5a), and 2+ 0.4 um in the 15% SiC composite

3. Results and discussion

Table IV gives a summary of the four-point bend test
results. The values &€ of the samples for 10 kg load
[2], and associated critical flaw sizes are also include
in this table. The fracture strength of all of the compos-

and critical flaw sizes of sampleS, (Fig 5b)

Material, Density,

vol % Grain size [14] % Kic[2]

Sic [14] gum) theoretical o1 (MPa) (MPant?) C(um) 5 3 Origins of cleavage steps from cracks

0 35+1.3 99.9 431-53 32402 14+7 Cleavage steps could originate through the coalescence
(Al;03) of smaller cracks, bifurcation of a fast running crack

5 40+11 9938 64641 46+01 13x7  gnd/or local disturbances (possibly from the stiff SiC
10 29+05 997 568 5.2+0.2 2244

particles) experienced by primary cracks during their

15 2.6+0.3 99.6 549-30 55+0.4  25+8 : : L
propagation [19]. In Figs 6a and b are transmission
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Figure 4 Scanning Electron micrographs of fracture surfaces: (a) Alumina; (b) 5 vol %; and (c) 15 vol % composites. Alumina shows intergranular
fracture. The composites show transgranular fracture. Note the higher density of cleavage steps in the 15 vol % SiC composite.

(b)

Figure 5 Higher magnification of Figs 4b and c, with samples tiltéd @) 5 vol % SiC; (b) 15 vol % SiC composites. Note the bigger separation
distancesHs, of the cleavage steps in the 5% composite, relative to those in the 15% grade. 5561



Figure 6 TE micrographs of crack propagation in indented composite samples: (a) 5 vol% SiC; (b) 15 vol% SiC. Note the bifuB)adiot (
coalescenceq) of cracks in the 15% grade; areas (an example is marked) not rich in particles have crack characteristics similar to those of 5 vol %
grade.

(b)

Figure 7 SE micrographs of another view of the fracture surfaces showing the density of cleavage step: (a) 5 vol % SiC; (b) 15 vol % SiC composites.
Note the higher particleR) presence at edges of steps (see also Fig. 4b).

electron micrographs of the propagation of a crack inwith the change from intergranular fracture (Alumina)
the 5% and 15% SiC composites, with the directionto steppedransgranular cleavage (composites), Fig. 4.
of the propagation, relative to the corner of the indentEach time a brittle crack front meets the steps, some of
from which the crack emanates shown. (These direcits energy is dissipated thus restraining its propagation.
tions are also shown in subsequent micrographs witiThe density and height of the steps determine to what
crack propagation). The incidence of bifurcatid®) ( extentthe cracks are restrained [19]. Thus the slight in-
and coalescenceC] is higher in the 15% SiC com- crease in toughness of the composites with higher vol-
posite than in the 5% composite, presumably due to ame fractions of SiC may be partly due to the higher
higher content of local obstacles (SiC particles). Everdensity of these steps (compare Fig. 7a with Fig. 7b).
in the 15% SiC composite, areas locally less rich in
particles (arrowed segment, Fig. 6b) tend to have less
crack diversions. Hence these processes that as a r84. Particles as crack-stoppers and
sult of strong AbO3/SiC interface lead to the formation generators of dislocations
of steps inside the grains (precipitated by the particlesig. 8a shows an indentation crack being stopped at
in them) further enhance transgranular mode of cracla particle (arrowed) in 5 vol% SiC composite. The
propagation. crack appears to be attracted towards a particle and
Fig. 7 shows fracture surface steps in the composthen to propagate round it. A similar effect in the
ites at higher magnification. The edges of some step$5% SiC material is shown in Fig. 8b. Note the bi-
have some SiC particled], and the planar sections furcation of the crack by the particle®] before the
are virtually devoid of them (see also Fig. 4b), sug-arrest points (arrowed). Cracks are most likely to
gesting that the amount of stepping is controlled by thepropagate along weak interfaces, for instance through
amount of particles present. The higher toughness ahe grain boundaries in monolithic Alumina, Fig. 8c.
the composites relative to Alumina may be connectedHowever, particle-Alumina interfaces have been shown
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Figure 8 Attraction of cracks to: Particle-Alumina interfaces in (a) 5 vol %; (b) 15 vol % SiC composites; (c) grain boundaries in Alumina. Note that
the tendency for cracks to bifurcate at ParticlB$ in the 15 vol % SiC composite continues up to the arrest points (arrowheads). Note also that far
fewer bridges B) are found in Alumina relative to those found in the composites (Fig. 10).

[5] to be more strongly bonded than Alumina-Alumina times the intragranular particles are a mixture of both
interfaces. The attraction of the crack to the parti-small and large particles, Fig. 9b. As the SiC content
cle/Aluminainterface may be as a result of local elastidncreases, it would be expected that the inter-particle
stress fluctuations within the grain. distances would reduce. The effect of inter-particle dis-

These stresses will be generated principally by théances (for a given volume fraction of particles) has
thermal expansion coefficien& mismatch between been investigated by Carrat al. [21], and they found
SiC particles and Alumina matrix during the cooling no clear relationship of strength with this. As only one
part of the sintering cycle. The stresses lead to radigbarticle mean size was used in this work, the process-
microcracks [20], becausg, < amatrix.- HOwever, the ing of the samples was not designed to obtain a partic-
magnitude of the generated stress is such that it is natlar mode of distribution of particle sizes. According
fully relieved through the microcracks, thus further re-to Zener's theory, grain boundary pinning obtains only
liefis achieved through dislocation generation immedi-when the particles are of some critical volume fraction
ately around the particles, Fig. 9. The relief leads to lo-and particle size. With regard to the latter, it should be
cal stress gradients between areas immediately arourexpected that those particles less than, or very much
and farther away from the particles. This favours theabove (usually isolated) this critical size would always
propagation of a primary crack towards the weakerbe found within the grain since they can not effectively
stress front immediately around the particle. But thepinthe boundaries. However, judging from Figs 6 and 9
crack is ultimately stopped by the stiff particle hencethe distribution is purely random, irrespective of parti-
leading to a toughening effect. cle content. But the micrographs reflect the particle size

Sometimes there is a tendency inb@k/SiC nano- distribution of the powder, withlsg of about 200 nm.
composites for the intergranular particles to be of largeiTherefore no attempt is made to relate the trends in
sizes relative to the intragranular ones, irrespective oK ;¢ and strength of the nanocomposite samples of the
the particles’ volume fractions, as was observed in thigresent work to inter and intragranular particle size dis-
work (Fig. 6b) and that of Ohjt al. [5]. Some other tributions.
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Figure 9 Dislocations generated at the sintering stage in: (a) 5 vol %; (b) 15 vol % SiC composites. Some of these dislocations can be seen immediately
around the particles interacting with cracks in Figs 8a and b.

3.5. Wake toughening The fracture stressy, of a brittle material with frac-
Any microstructural feature that restricts the relativeture toughnes&c is given by:
movement of crack faces in the crack wake can lead to

“wake toughening”. In crack wake toughening, bridg- of = Kic )
ing features produce crack closure traction that reduces Y+V7C

the stress at the crack tip, giving rise to the-€urve” ) . . .
effect [22]. where C is the critical (largest) flaw size present in

Fig. 10 shows examples of wake toughening in 5%the material, and is a geometrical constant, which is
SiC (Fig. 10a) and 15% SiC (Fig. 10b) composites.”oughly equal to 1.12 [23, 24]. In Table IV are listed
Bifurcation and coalescence of cracks, giving rise tothe critical flaw sizes from Equation 2, derived from the
ligaments that connect the crack surfaces, can arise iffeasured strength arid;c values. The critical flaw
side the grains, particularly in the 15% SiC compositeSiZ€s are similar for Alumina and the 5% composite,
(grainG in Fig. 10b). When three particles touch, as is@nd then increase with SiC content. _
most probable in composites with higher volume frac- The critical flaws are ten times larger than a typical
tion of particles, crack bridges can form, Fig. 10c (15%9rain, and their size is not directly related to grain size.

SiC composite). These phenomena dissipate the cradkumina and the 5% SiC composite have the largest
energy, thus restraining its propagation. grain sizes and the smallest critical flaws, while the 10%

Wake toughening also obtains in monolithic Alu- @nd 15% SiC composites have the smallest grain sizes

mina, but the number of bridges appears to be fewefnd Iarg_est critiga_l flaws. Fig._ 11 show_s an_example of
in Alumina (an example is marked B in Fig. 8c) than in the tensile face finish (1 m diamond), in this case 15
the composites. In comparison with the grain-bridges/0! % SiC composite, achieved in these samples. Such
found in Alumina, the fact that for a given volume of @finish suggests that the critical flaws are most unlikely
material, many more particle-bridges are found in the© result from the surface, but rather from local defects
composites (compare Figs 10a and b with 8c) could bétroduced at the sintering stage. All the materials sin-
responsible for the stronger wake toughening effect of€red to about the same high degree of densification
the particles. Again, the stiffer particle-bridge guaran_(99.7:1:0.2% of their respective theoretical densities

tees a far more extent of stable crack propagation thaH4])- Alumina and 5 vol % SiC composite are virtu-
would the Alumina grain-bridge. ally of the same critical flaw size, Table IV. Therefore

explanations of high strength of the composites based

on critical flaw sizes calculated on the basis of Griffith's

relationship, for example, see references [6] and [21],
3.6. Critical flaw sizes are ambiguous. This is particularly so when all or any
The effects of SiC patrticles on crack paths presumablyf the other mechanisms such as fracture mode, fracto-
lead to the observed increasesknc of the compos- graphic details and dislocation activities in a subsequent
ites relative to pure Alumina. All the composites are process (see the next section) across the samples under
stronger in bending than Alumina, though the strengthstudy differ(s).
decreases as SiC content rises, while the toughness in-Levin et al. [25] offered another possible explanation
creases slightly. It is necessary therefore to consider thef the decrease of strength of a 15% SiC composite rel-
connection between toughness and strength via the crittive to a 5% SiC composite. They suggested that, due
ical flaws present in the specimens. These flaws coultb the thermal expansion coefficient mismatch between
arise during processing (sintering) or during surfaceAlumina and SiC, the matrix is in tension at large vol-
preparation for mechanical tests. ume fractions of particles, and is thus liable to fracture
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Figure 11 Optical micrograph of a tensile face of 15 vol % SiC com-
posite finish-polished to /4 um diamond typifying the surface finish
achieved in all the samples.

4. Strength and toughness of annealed
composites (dislocation mechanism)
As was demonstrated in Section 1, the explanation of
strength increase (observed by other authors in an-
nealed composites [1, 6 and 12]) based on healable
flaws is inconsistent. It has been suggested [6] that the
remarkable improvement of the fracture strength by
annealing is due to further development of sub-grain
boundaries during the process. Therefore a better expla-
nation could be found in the activity of the dislocations
that were generated in the composites at the sintering,
Fig 9, and the grinding stages during the annealing pro-
cess.

“Surface” dislocations are generated in grinding/
machining processes (with compressive stresses) of
Alumina and the nanocomposite, to a minimum depth
of the samples, as has been demonstrated by several
authors [3, 16, 27]. These “surface” dislocations (using
Vickersload as low as 2N) were found [3] within a max-
imum area of about 1@m radius of the indent for the
composite, and slightly shorter for Alumina. Their net-
(c) work structure differed substantially from that of bulk

Figure 10 Crack deflection, bifurcation and wake toughening)(in: dislocations (Obtamed atthe sintering Stage)'

(a) 5 vol %; (b) 15 vol % SiC compositesG' indicates where bridg- . InTable |t“can be S’?en that the pOI|Shed Sample (Wlth
ing occurs inside a grain. (c) Crack bridging by three particles in 15%Virtually no “surface” dislocations) showed a lower
composite. strength than the ground sample annealed for the same

period of ten hours. Apart from the additional “surface”
at lower stresses. The effect of small flawskp- is  network from the machining process of the ground sam-
not certain. However, it is known [22] that microcracks ple, the (bulk) dislocation structure of these two sam-
(arising from the tension in the matrix)—particularly ples from the sintering stage is the same. It can be seen
at the nanoscale they are found [20] in composites ofhat in the absence of a difference in other mechanisms
the present work—lower the strain energy of primarythat affect strength, in unannealed condition flaw size is
crack tips having their stress fields within them, thus in-the controlling factor. Thus the polished sample, with
creasing the toughness slightly. Boetal. [26] found  smaller critical flaw sizes, is stronger. However, after
an increase in strength beyond 5% SiC addition, whictannealing, because of the development of sub-grain
they suggested was due to grain growth inhibition byboundaries by dislocations, flaw size factor becomes
high SiC fractions. Although higher amounts of SiC unimportant; the ground sample now levels up, and then
addition did give finer grain, this did not lead to higher even becomes stronger than the polished sample. It is
strength in the materials of the present work. now stronger due to its additional “surface” dislocation

5565



network. The small difference in strength of 4%, Alumina (~430 MPa), and decreases slightly as the

induced by the “surface” dislocation network indicatesvolume fraction of SiC particles is increased beyond

that indeed the bulk dislocation structure is control-5%. The critical flaw sizes in the materials, derived

ling. Further support to this hypothesis can be found inffrom measured fracture stresses &h¢ values, were

the work of Fanget al. [28] on annealed Alumina and found to increase slightly with the volume fraction of

nanocomposite. Whereas the former has dislocatiorparticles above 5% SiC. The critical flaw sizesl6—

free sub-grains, dislocation entanglement remains ir25u,m) were much larger than a typical grain diameter

the nanocomposite. (2.5-3.5um), and the flaw size bore no relationship
Annealing reduces local stress gradients. Thus thevith grain size. No critical flaw size of the order pre-

observed preferential attraction of a propagating pri-dicted by standard fracture mechanics was observed

mary crack to areas immediate to the particles (Fig. 8a)pn the polished faces. In the presence of other mech-

which had its local stress relatively low in deformed anisms (for example, fracture mode), flaw size is rele-

unannealed sample is reduced. So also is the role @fated as a strength-controlling factor. The addition of

the particles as crack-stoppers. It is also very likelySiC particles (with the associated free carbon) reduces

that annealing heals the sub-micron-sized radial flawshe amount of silica rich phases, which in turn could

(typically about 150 nm [20]) that were created at thecontribute to higher strength in the composites.

sintering stage. Hence their effect in blunting the tip of In unannealed condition th€; ¢ values of the com-

a propagating crack is minimised. The cumulative ef-posites (5-5.5 MPa#¥) are higher than that of mono-

fect of these on th& ;¢ of annealed composites is that lithic Alumina (~3.5 MPant/?), and they increase

of a slight reduction in its value. Thus Zhabal. [12]  slightly asthe volume fraction of SiC particles increases

observed a slight reduction in toughness of about 8%up to 15% SiC in this study). The increase in the

(with an increase in strength of about 32%). K1c values may be connected with steps on transgran-

ular fracture surfaces; these steps appear to result from
crack-particle interactions and increase in density with

5. Study of strengthening in nanocomposites  increasing SiC content. Cracks may also be trapped at
using Scanning Acoustic Microscope, SAM  particles and their tips may be blunted by clusters of
(Scanning Acoustic Waves, SAW). sub-micron-sized flaws, further contributing to an in-

From the foregoing itis evident that the impact of flawscrease irk ;.

on strength (when applicable) is primarily through the  From experimental observations the idea of increased

critical sizes and to a lesser degree, the density of theislocation activities being responsible for the increase

flaws. At 2 GHz a typical resolution limit of a SAM is  in strength in annealed composites appears to be more

700 nm [29], so at 225 MHz [1] the resolution limit is consistent than that of flaw healing. More experiments

bound to be poorer than 700 nm. Thus it is incapable ofvith annealed near fully dense composites with >5%

detecting the sub-micron-sized flaws (of about 150 nm)siC nano-particles (higher dislocation density) may be

and particles present in these samples. Therefore theiecessary for further confirmation.

effect is not reflected in the SAW velocities that are Owing to the nanometric scale of the features that

used to draw conclusions on the role of interfaces ogontrol strength in these composites and the very nature

cracks in these materials. of Scanning Acoustic Microscopy (Waves) the latter
An important precondition [30] for using SAM to may not be a good method for studying strength trends

characterise materials is that the sample should bg these materials.

well polished. Wuet al. [1] used the technique on

ground samples, which is not in conformance with the

precondition. Thus the conclusions from such a non-

conformant procedure are unreliable. Altq:.knowliedgement d by th
The SAM method has also been demonstrated [311- Is work was supported by the EPSRC, UK.

to be insensitive to critical flaw sizes. It therefore can-

not throw any light on the primary route through which

flaws have impact on strength. Furthermore, it is evi-References
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